Edge dislocations are frequently found in epitaxial BiFeO 3 multiferroic thin films and are expected to exhibit distinctive and localized magnetoelectric properties. However, an exhaustive characterization of these dislocations at the atomic level has to date been largely overlooked. Here, we use a combination of scanning transmission electron microscopy techniques, atomistic simulations obtained from classical molecular dynamics calculations, and real-space multiple-scattering theory to explore the chemical properties and the bonding characteristics of the atoms located at and near the dislocation cores. We find that in addition to Bi, small amounts of Fe atoms are present in the BiFeO 3 dislocation cores which result in uncompensated Fe spins along the dislocations and give rise to a magnetic signal. Our results suggest that edge dislocations in BiFeO 3 films could be efficiently used for realizing BiFeO 3 -based magnetic devices.
I. INTRODUCTION
The ability of multiferroic materials to couple magnetic and ferroelectric orders continues to attract considerable attention because of their potential application in spintronics and memory devices [1] [2] [3] [4] . Among them, BiFeO 3 (BFO) is widely investigated because of its magnetoelectric properties at room temperature, with antiferromagnetic and ferroelectric transition temperatures T N ∼ 643 K and T C ∼ 1103 K, respectively [5] . The bulk BFO phase displays a rhombohedrally distorted perovskite structure (space group R3c) [6, 7] exhibiting a large spontaneous polarization of ∼100 μC/cm 2 along the [111] direction of the perovskite cell [8, 9] and G-type antiferromagnetic (AFM) order [10] ; that is, ferromagnetic coupling of the spins within the pseudocubic (111) planes and antiferromagnetic coupling between the different planes. Despite the AFM ordering, the symmetry of the R3c structure permits the establishment of a weak ferromagnetism due to a small spin canting originated by a Dzyaloshinskii-Moriya (DM) interaction of the antiferromagnetic sublattice [11] [12] [13] . Although the DM coefficient is one order of magnitude smaller than the superexchange interaction, the arising net magnetization due to canted antiferromagnetism makes BFO potentially exploitable for innovative spintronic/magnetoelectric devices working at room temperature [14] [15] [16] [17] . However, a key issue impeding the use of BFO for magnetoelectric applications is the presence of a cycloidal spin modulation which is incommensurate with the crystal lattice (period ∼630 Å) [18, 19] . This spiral modulation * These authors contributed equally to this work. † Corresponding author: marta.rossell@empa.ch suppresses the net macroscopic magnetization arising from the canted spins and hinders the magnetoelectric coupling. The cycloidal modulation represents therefore an undesirable effect that narrows down the functional properties of BFO to the solely ferroelectric-related ones. In order to overcome this major limitation, extensive works have been addressed to the search of mechanisms able to destroy the cycloidal spiral ordering.
Among various proposed strategies to enhance the magnetoelectric coupling, chemical pressure by substitutional doping has been proven to induce a net weak magnetization in BFO [20] [21] [22] [23] [24] [25] . Alternatively, strains arising in epitaxial thin films have also been explored to modify the magnetoelectric multiferroic properties of BFO by an appropriate choice of the substrate [15] . For example, a metastable polymorph of BFO with a strongly elongated unit cell (the so-called tetragonallike phase or T phase) exhibiting a giant polarization as high as 150 μC/cm 2 was stabilized under epitaxial strain in highly strained thin films grown on LaAlO 3 substrates [26] [27] [28] [29] . Conversely, relaxation of the misfit strain associated with the lattice mismatch between the BFO film and the substrate might also occur through the formation of various kinds of crystallographic defects, such as domain walls and dislocations [30] [31] [32] . Symmetry breaking at these positions can induce emergent behavior with properties that deviate significantly from the bulk. Thus, it is known that domain walls in multiferroics can manifest a net magnetic moment even if the domains themselves are antiferromagnetic or paramagnetic [33, 34] . As such, domain walls in BFO have been extensively studied using both experimental and theoretical tools [35, 36] . From a computational perspective, an atomistic potential based on the conservation principles of bond-valence sum (BVS) and bond-valence vector sum (BVVS) was developed to study phase transitions and temperature-dependent cation displacements in BFO [36] and domain-wall motions under applied bias [37] .
Also, some studies have suggested the importance of dislocations on the magnetic properties of ferromagnetic [38, 39] and antiferromagnetic [40] materials. One particularly interesting example was reported by Sugiyama et al. [40] , where dislocation cores in NiO films grown on SrTiO 3 (001) substrates were found to be nonstoichiometric with the help of electron energy loss spectroscopy (EELS) and density functional theory (DFT) calculations. They demonstrated that the detected Ni deficiency at the dislocation cores was the main cause for the ferromagnetic behavior of the otherwise antiferromagnetic NiO.
Edge dislocations in BFO thin films were investigated by Lubk et al. [32] using spherical aberration-corrected scanning transmission electron microscopy (STEM). Employing a combination of model-based structure analysis and phase field simulations, they were able to evaluate the strain-polarization coupling in the presence of strong anisotropic strain. Besides, an atomic model for the dislocation core structure was derived in that study by comparing atomically resolved high-angle annular dark-field (HAADF) STEM and simulated images. However, possible deviations from stoichiometry at the core of the BFO edge dislocations in combination with theoretical modeling were not considered.
The aim of the present work is to deliver an atomistic model of the commonly observed edge dislocations in BFO films (with Burgers vector b = [001] and dislocation line ξ = [100]) and to derive a correlation between their structural, electronic, and magnetic properties. For this, we use atomic-resolution aberration-corrected HAADF-STEM combined with energy-dispersive x-ray (EDX) spectroscopy and EELS as well as off-axis electron holography. Several atomistic models of edge dislocations accommodating different Bi/Fe concentrations are derived using molecular dynamics with bond-valence (BV) model potentials [36] for BFO, and are further benchmarked against the experimental data. Subsequently, the experimental EELS results are interpreted with the aid of simulations based on a real-space multiplescattering code [41] .
II. RESULTS AND DISCUSSION
Samples consisting of either a BiFeO 3 /La 0.7 Sr 0.3 MnO 3 (BFO/LSMO) or a BiFeO 3 /SrRuO 3 (BFO/SRO) bilayer grown on SrTiO 3 (001) substrates were selected for the experiments. These two specific systems displaying distinct lattice mismatch (2.4% for BFO/LSMO and 1.0% for BFO/SRO) were chosen in order to show that the edge dislocations found in both BFO layers exhibit identical characteristics. A STEM Moiré pattern image created intentionally by choosing a sampling interval close to the periodicity of the crystal lattice of a BFO/LSMO sample is shown in Fig. 1(a) . This particular sample has a nominal layer thickness of 11 unit cells for LSMO and approximately 100 nm for BFO and exhibits atomically abrupt and highly controlled epitaxial LSMO/SrTiO 3 and BFO/LSMO interfaces. Besides, a high density of dislocations is readily visible from the local bend- , respectively. Here, in order to improve the signal-to-noise ratio, the simultaneous HAADF and ABF images were obtained as an average of a series consisting of 15 frames, after both rigid and nonrigid registration using the SMART ALIGN software [43] . Due to its [32] . In the ABF-STEM image of Fig. 2(b) , the strain fields around and between the dislocations are revealed by a darker contrast. ABF-STEM is very sensitive to diffraction contrast and to any effect that leads to a dechanneling of the incident beam. Thus, the strain fields of the dislocations are readily detected by ABF-STEM imaging through the associated displacement of the adjacent atomic sites and the subsequent dechanneling of the electron beam from the atomic columns.
The composition of the edge dislocation cores was assessed by EDX mapping. image acquired in the dashed area specified in the HAADF and ABF images. As revealed in the EDX maps of Fig. 2(d) , the core of the edge dislocation is mainly composed of Bi atoms. However, the intensity line profiles (averaged over seven pixels) obtained from the white dashed area reveal the presence of Fe at the core of the dislocation. Its position is highlighted by a black arrow.
To explore the bonding characteristics of the atoms located at and near the dislocation cores, several EEL spectra were collected and summed over predefined boxes. Thus, Fe-L 2,3 and O-K EEL spectra were measured across a line perpendicular to the slip plane, as schematically indicated by the boxes in Fig. 3 . While no significant changes were observed in the L 2 and L 3 white lines, small spectral changes were detected in the O-K EEL spectra, as seen in Fig. 3 and discussed below. The core spectrum is highlighted in dark green, while the spectra immediately above and below the dislocation core are shown in light green. The spectra collected at more distant positions are shown in gray. All spectra can be divided into two sections: a prepeak region from 528 to 536 eV and a postedge peak from 536 to 545 eV. Each region contains two dominant peaks. Thus, at lower energies, the prepeak exhibits a leading peak (labeled A1) at 531 eV and a smaller one at 534 eV (labeled A2). The A1 peak is caused by hybridization of unoccupied O 2p orbitals with Fe 3d orbitals [44] [45] [46] . However, the origin of the smaller A2 peak is somewhat ambiguous. Thus, it was suggested that the formation of A2 structures is likely related to interactions between unoccupied 034410-3 O 2p and Bi 5d states [44] or Bi 6sp states [47] . Also, Saeterli et al. [45] found that there are mainly Bi states of p character involved in the A2 peak, although some Fe d states were located in this range, too. In the postedge region, two broad peaks can be identified at 539 eV (labeled B1) and 541 eV (labeled B2) [44, 45, 48] . They stem from transitions to the hybridized O 2p and Fe 4sp states and are related to the Fe local coordination set up by the nearest oxygen neighbors and their bonding topology [49, 50] . Besides, as raised by Saeterli et al. [45] , this region might also have some contribution from covalent bonding between O 2p and Bi states.
Although the spectral changes through the probing path across the dislocation core are very subtle, the following features can be identified:
(i) The splitting of the A1 and A2 peaks is well defined far from the dislocation core (gray spectra), while it appears blurred (or broadened) in the vicinity of the core (green spectra).
(ii) The B1 peak is higher than the B2 peak at (and near) the dislocation core (green spectra), while this trend is reversed at farther positions (gray spectra).
Note here that the spectral features of the O-K EEL spectra at and near the dislocation core (green spectra) strongly resemble those observed for the highly strained pseudotetragonal BFO phase [48, 51] .
Subsequently, a three-dimensional (3D) atomic model of the BFO edge dislocation was created in order to assess the effect of nonstoichiometry detected at the dislocation cores on the magnetoelectric properties. Thus, an initial configuration for the model was generated using the experimental lattice parameters of BFO [48] with a 24 × 24 × 12 supercell. Then, a slab of atoms with dimensions 1 × 11.5 × 12 was deleted from the middle part of the supercell and the remaining 23 layers [gray area in Fig. 4(a) ] were redistributed uniformly along x to fill the void created due to the deletion of the aforementioned atoms. Additionally, at the two core positions at each side of the stretched gray portion [circled areas in Fig. 4(a) ], the Fe-O atomic columns were substituted by Bi atomic columns and the neighboring oxygen atomic columns were deleted, as described in Lubk et al. [32] . Thus, the atomic configuration in Fig. 4(a) was obtained. Afterwards, this configuration was used as input for the molecular dynamics simulations with BV model potential. This model potential is parametrized from first-principles calculations and is able to reproduce the temperature-driven phase transitions of bulk BFO and the energies of various domain walls [36] . atomic configuration obtained after dynamic optimization is shown in Fig. 4(b) and verifies the applicability of the BV potential on simulating edge dislocation structures, given the similarity of the optimized structures with the experimental images; see, e.g., Fig. 2(a) .
Three atomistic models of edge dislocations accommodating different Bi/Fe concentrations were derived following the previously described molecular dynamics steps. In particular, the bottom dislocation core of Fig. 4(a) was selected because of its resemblance-with regard to the crystal orientation-to the experimental results. Then, the composition of the core atomic column was altered in order to accommodate the three following Bi/Fe atomic ratios and the models were optimized by molecular dynamics: The optimized atomistic models are shown in Figs. 4(c)-4(e). They all show remarkably similar atomic displacements around the dislocation core.
HAADF-STEM simulations were carried out for each model in order to benchmark them against the experimental data. Figure 5 shows the simulated HAADF-STEM images of the models as well as an experimental image of an edge dislocation. The latter is indeed an extract of the averaged HAADF-STEM image of Fig. 2(a) . In order to estimate the thickness of the sample in Fig. 5(b) , the intensity ratio I Bi /I Fe obtained in regions far from the dislocation core [highlighted by gray dashed lines in the scheme of Fig. 5(c) ] was compared to the I Bi /I Fe values of a thickness series performed on bulk BFO. The resulting estimated thickness of 33 nm was thereafter used to simulate the HAADF-STEM images of all three dislocation models. The graph in Fig. 5(d) compares the averaged HAADF intensities extracted from the simulated images and the experimental data. Specifically, the Bi-bulk and Fe-bulk values were obtained by averaging the intensities of the Bi and Fe columns along the dashed gray lines shown in Fig. 5(c) . The error bars are the standard deviations calculated by comparing the individual atom columns along the gray dashed lines with the averaged value. As expected, the HAADF intensity of the core atomic column decreases with decreasing Bi/Fe ratio, i.e., from Model 1 to Model 3 (green data points). However, one would expect that the core of the model containing only Bi atoms (M1) should exhibit an intensity value comparable to that of the Bi bulk. This is not the case as the displacement of the atoms at the dislocation core leads to a dechanneling of the electron beam from the misaligned cation columns and consequently to an intensity decrease. Therefore, a quantitative analysis based on comparing experimental and simulated HAADF-STEM images of dislocation cores can be misleading.
We compared our EELS experimental spectra with theoretical energy-loss near-edge structures (ELNES) to get a better insight into the effect of Bi substitution by Fe on the O-K edge fine structure. For this purpose, three spectra at three different positions were calculated for each structural model. These positions are indicated with asterisks in Fig. 3 and correspond to the atomic columns at the dislocation core and two unit cells above and below the core. For easier comparison with the calculated spectra, the experimental data were fitted with multiple Gaussians. Figure 6 shows the experimental data, the corresponding cumulative Gaussian fit, and the calculated spectra for all three models. The largest difference between the three models can be seen in the postedge region of the (green) spectra obtained at the dislocation cores. Thus, the postedge peak of Models 1 and 2 is peaked at lower energies and is distinctly less intense than that of Model 3, which agrees better with the experimental spectrum. A better agreement regarding the B1:B2 intensity ratio is also found between the experimental data and Model 3. Far from the dislocation core, the (gray) spectra corresponding to the experimental data and Model 3 exhibit an intensity ratio B1:B2 < 1. On the contrary, for the equivalent (gray) spectra of Model 1 (top) and Model 2 (bottom), the B1 peak appears more intense relative to the B2 peak, in clear disagreement with the experimental data. Hence, the EELS calculations further support the presence of Fe in the BFO dislocation cores.
The analysis of the projected density of (unoccupied) states (PDOS) allows rationalizing the behavior of the EEL spectra of Model 3. The PDOS calculated for Model 3 at three different atomic positions, namely at the core region and two unit cells below and above the core, are shown in Fig. 7 . It shows that in all cases, the leading prepeak A1 3d states. In the region from 3 to 7 eV, there is contribution from Bi 6p and O 2p states resulting in the A2 peak, in good agreement with Saeterli et al. [45] . There is, however, an important difference between the PDOS of the core and top/bottom positions. While the Bi 6p peak around 6 eV is very sharp for the bottom and top positions [ Fig. 7(b) ], it is redistributed and broadened at the dislocation core (containing a mixture of Bi and Fe atoms along the column) due to an enhancement in the bonding between the oxygen and Bi atoms. This results in the blurred (or broadening of the) A2 peak observed at the core position.
In the postedge region, the two peaks B1 and B2 can be attributed to O 2p states hybridized with Fe 4sp and covalently bonded to Bi states (see Supplemental Material [52] ). Additionally, the Fe 4s states around 11 eV for the bottom/top positions [ Fig. 7(e) ] are again redistributed at a lower energy (8 eV) in the core. This also explains why the postedge region is broadened and less peaked at the dislocation core.
In analogy to the system investigated by Sugiyama et al. [40] , a ferromagnetic behavior is expected for the dislocations in BiFeO 3 due to uncompensated spins of the Fe cations along the dislocation cores. Since in the TEM cross-sectional specimens most of the dislocation cores appear parallel to the optical axis of the electron microscope, we tilted the sample by 15.6°in order to investigate the magnetic properties of the dislocation cores. In this way, a component of the dislocation core magnetization is projected into the plane normal to the observation direction and can be detected by off-axis electron holography as a phase shift of the electron wave function. In Fig. 8(a) , an electron hologram of the BFO/LSMO bilayer grown on a SrTiO 3 (001) substrate is shown. A scheme of the experimental geometry is shown in the inset. The reconstructed mean inner potential (MIP) and the magnetic phase shift (see Sec. III A for details) for the area marked by the white dashed box in Fig. 8(a) are shown in Figs. 8(b) and 8(c) , respectively. Interestingly, while no clear features are seen in the MIP map, the magnetic phase shift map displays a dipolarlike feature in the BFO layer, as evidenced from the line profile of the magnetic phase shift [see Fig. 8(e) ] obtained along the blue rectangular box in Fig. 8(c) . In particular, the shape of the profile can be interpreted as the result of the superimposition of two magnetic dipoles centered in the positions marked by the red lines, thus separated by about 15 nm. In Fig. 8(f) , a magnified view of the magnetic phase shift of the two dislocation cores is given together with the phase contours of the amplified (24x) phase, which is compatible with two magnetic dipoles oriented in antiparallel configuration. A high-resolution HAADF-STEM of the same portion of the sample is shown in Fig. 8(d) overlaid to the rotation map obtained by geometrical phase analysis (GPA). The two dislocation cores generating the signal in the magnetic phase shift can be immediately identified as singularity points in the color-coded map. Thus, it appears that the dislocation cores locally break the system symmetry and the uncompensated Fe spins along the dislocation core give rise to a magnetic signal, in analogy with recent findings of ferromagnetic dislocation cores in otherwise antiferromagnetic NiO [40] . It is worth mentioning here that in the BFO system, the coupled dislocations appearing at distances below 15 nm and displaying ferromagnetic behavior are in an antiferromagnetic configuration. Further, our electron holography data do not reveal any magnetic phase shift from the 4.3-nm-thick LSMO buffer layer. This is in good agreement with the work of Borges et al. [53] , which reported that in thin LSMO films (i.e., 4 nm), the magnetization falls rapidly from 0 to 285 K and no ferromagnetic signal is detected at room temperature. This behavior was attributed to the formation of magnetic FIG. 7 . Energy-loss near-edge structures and projected density of states (PDOS) calculated for Model 3 at the dislocation core and "bottom" and "top" positions (two unit cells below and above the core, as defined in the text). Contributions from the different atomic orbitals for the O, Fe, and Bi atomic species are given in separate panels. dead layers at the different interfaces resulting from weakly coupled noncollinear spins.
III. METHODS

A. Experimental methods
Thin BiFeO 3 films with thicknesses of 50 to 100 nm were grown on either SrRuO 3 (SRO) or La 0.7 Sr 0.3 MnO 3 (LSMO) buffer layers on top of SrTiO 3 (001) single-crystal substrates by pulsed laser deposition while utilizing high-pressure reflection high-energy electron diffraction (RHEED) to verify the growth mechanism. All SRO, LSMO, and BFO layers were grown epitaxially on the SrTiO 3 substrate at 670−690
• C in 100-150 mTorr of oxygen pressure. The laser energy was fixed at 1.5 mJ/cm 2 for all materials. After the growth, the samples were cooled to room temperature in 760 Torr oxygen ambient at a rate of 5 • C/min. A postannealing process was carried out in oxygen ambient at 400
• C for 1 h to ensure that the samples were fully oxidized. More details about the film growth conditions can be found elsewhere [32, 54] .
Electron transparent samples for transmission electron microscopy were prepared in cross-section geometry by means of a FEI Helios NanoLab 600i and a FEI Helios NanoLab 450S focused ion beam (FIB) operated at accelerating voltages of 30 and 5 kV. The samples were cut parallel to the (100) planes of the SrTiO 3 substrate.
High-angle annular dark-field (HAADF) and simultaneous annular bright-field (ABF) scanning transmission electron microscopy (STEM), energy dispersive x-ray (EDX) spectroscopy, and electron energy-loss spectroscopy (EELS) measurements were performed using a double spherical aberration-corrected JEOL JEM-ARM200F microscope operated at 200 kV, and equipped with a JEOL Dry SD100GV silicon drift detector with 100 mm 2 detection area for EDX analysis, and a Gatan Enfinium EELS spectrometer. HAADF and ABF-STEM simultaneous imaging were carried out setting a probe semiconvergence angle of 18 mrad and collecting angles of 90-170 and 9-18 mrad, respectively. In typical operating conditions for the EDX and EELS experiments described in this work, the electron probe current was kept below 200 pA to avoid radiation damage. The elemental maps shown in Fig. 2(c) were calculated from the EDX spectrum image using the Bi-Mα1 and Fe-Kα peaks located at 2.423 and 6.400 keV, respectively. The dimensions of the EDX spectrum image are 87 × 50 pixels, with 0.04 nm pixel spacing and a dwell of 0.1 s per pixel. For the EELS data acquisition, the convergence and collection semiangles were set to 25.3 and 33 mrad, respectively. A dispersion of 0.1 eV per channel was selected. All spectra were background subtracted by fitting a decaying power-law function to an energy window just in front of the O core-loss edge onset. Multivariate statistical analysis based on principal component analysis (PCA) was used to remove noise from the low-count experimental EELS data [55] .
The off-axis electron holography data were acquired in Lorentz mode using a FEI Titan Themis microscope operated at 300 kV and equipped with a FEI Ceta2 16 Mpixel CMOS camera. The holograms were acquired setting the exposition time to 10 s and applying to the electrostatic biprism a potential of 370 V, thus giving a spatial resolution of 3.3 nm and a fringe contrast of 22%. In order to separate the electrostatic contribution to the phase shift (or mean inner potential, MIP) from the magnetic phase shift, we applied the separation method [56] , i.e., we acquired two holograms at reversed incident electron beam directions by manually flipping the sample upside down. The MIP and the magnetic phase shift are then obtained as half of the sum and of the difference of the two phase images, respectively.
Polarization mapping was performed using customdeveloped MATLAB codes. The atomic column positions were fitted over the entire field of view of the time-averaged HAADF-STEM signal, and the displacement vectors were calculated by measuring the off-centering between the Fe-site position and the center of mass of the Bi cell. Thus, the polarization vectors are plotted opposite to the polar displacement of the Fe cations, following the method proposed by Nelson et al. [57] . Geometrical phase analysis (GPA) of the edge dislocations in the high-resolution HAADF-STEM image of Fig. 8(d) was performed by using the GPA software package for DIGITAL MICROGRAPH [58] .
B. Computational methods
The initial configuration for the dislocation model was generated using the experimental lattice parameters of BFO [48] with a 24 × 24 × 12 supercell (see Supplemental Material [52] ). The bond-valence atomistic potential [36] designed for BFO was used to perform molecular dynamics simulations. The potentials were implemented in the classical molecular dynamics code LAMMPS [59] . The initial configuration of the dislocation core structure was modified in order to accommodate different Bi/Fe concentrations. In particular, three distinct core models were optimized with molecular 034410-8 dynamics as described in the main text. The molecular dynamics structural optimization was performed following three steps: (a) gradually decreasing the temperature from 10 to 0 K by applying a viscous force to each atom; (b) then, gradually increasing the temperature to 300 K in the NVT ensemble; and (c) equilibrating the system at 300 K. The final optimized configuration was obtained by taking the average of several structures at 300 K.
HAADF-STEM simulations of the three models were performed using the STEM_CELL software, based on the Kirkland code for TEM image simulations [60] . For all the considered models, the simulations were performed using the multislice algorithm by computing the average of 10 frozen phonon configurations, using constant Debye-Waller factors for all the atomic species. In order to estimate the thickness of the sample, a thickness series (thickness range 0-46 nm) was performed on bulk BFO with the aim of comparing the intensity ratio I Bi /I Fe to the experimental data obtained in regions far from the dislocations, where the dislocation strain fields are negligible. The estimated thickness was 33 nm.
The real-space multiple-scattering code FEFF 9.0 [61] was used for the calculation of the energy-loss near-edge structures (ELNES) of the O-K edge as well as the PDOS at different points above and below the dislocation core along a direction parallel to the extra half plane, i.e., similarly to the experimental data of Fig. 3(a) . Each point reflects the integral of all possible oxygen environments around the Fe atom with a lateral extension of one pseudocubic perovskite unit cell. The scattering potentials were calculated self-consistently over a radius of 5.1-5.3 Å using HedinLundqvist (local density approximation) self-energies [62] . For the full multiple-scattering (FMS) calculations, the calculations converged for clusters as small as 260 atoms. The spectra and density-of-state calculations presented here were all modeled for 330 atoms in the FMS cluster. The O-K edge spectra were calculated for each oxygen atom surrounding a Fe atom separately and averaged over a volume consisting of 1 × 1 × 12 pseudocubic perovskite unit cells around the Fe atomic columns. Additional self-consistent iterations are needed to converge the total and projected density of states from FEFF calculations and we followed the procedure described in Ref. [41] which also includes an additional shift of about 2 eV in the Fermi energy to match the experimental evidence of an electronic band gap in the BFO material.
IV. CONCLUSIONS
In the present work, we have exhaustively investigated the structural and magnetoelectric properties of edge dislocations found in epitaxial BFO thin films deposited on STO substrates via two different buffer layers, SRO and LSMO. By using a combined atomic-level experimental and theoretical approach, chemical and electronic information of the individual atomic columns located at and near the dislocation cores was obtained. Our results reveal that-in addition to Bi-small amounts of Fe atoms are present at BiFeO 3 dislocation cores which result in uncompensated Fe spins along the dislocation line and give rise to a magnetic signal. Thus, our findings suggest the possibility of exploiting these particular defects in antiferromagnetic thin films to achieve ferromagnetic properties beyond those of the corresponding perfect structure.
